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Sputter-deposited Cu/V nanolayer films with individual layer thickness, h, varying from 1 to 200 nm were
subjected to helium (He) ion irradiation at room temperature. At a peak dose level of 6 displacements per
atom (dpa), the average helium bubble density and lattice expansion decrease significantly with decreas-

ing h. The magnitude of radiation hardening decreases with decreasing individual layer thickness, and
becomes negligible when h is 2.5 nm or less. This study indicates that nearly immiscible Cu/V interfaces
spaced a few nm apart can effectively reduce the concentration of radiation induced point defects. Con-
sequently, Cu/V nanolayers possess enhanced radiation tolerance, i.e., reduction of swelling and suppres-
sion of radiation hardening, compared to monolithic Cu or V.

© 2010 Elsevier B.V. All rights reserved.

1. Introduction

Radiation induced defects and evolutions of mechanical proper-
ties in neutron and ion irradiated metallic materials have been
extensively studied [1-7]. During radiation the interactions be-
tween the energetic projectile particles and the atoms of the irra-
diated materials lead to atomic displacement damages, such as
vacancies, interstitials, and their agglomerations in the form of va-
cancy clusters, voids and dislocation loops [8-12]. Stacking fault
tetrahedra (SFT) as a result of agglomeration of vacancies is fre-
quently observed in numerous irradiated metals and alloys with
faced-centered cubic (FCC) structure, such as Au, Cu, Ni, Pd and
austenitic stainless steel [13-19]. A high concentration of vacancy
clusters and SFTs is observed in FCC Cu, whereas interstitial loops
seem to prevail in irradiated body-centered cubic (BCC) V [20]. In
fusion reactors, besides the aforementioned displacement dam-
ages, a high concentration of He atoms created via (n, o) or other
transmutation reactions typically leads to a large number of He
bubbles in irradiated structural metals [21-23]. Radiation induced
void swelling can cause significant dimensional instability and de-
grade the mechanical properties in the form of embrittlement. Sig-
nificant void swelling has been observed in neutron radiated 316L
stainless steels [4]. Radiation hardening has been extensively stud-
ied in irradiated FCC and BCC monolithic metals, such as Cu and V
[24-33]. In general, radiation hardening is substantial when metals
are irradiated at temperature below 0.3-0.4 T, where Ty, is the
melting temperature [32]. The yield strengths of neutron irradiated
Cu and V both increase with the extent of damage, displacement-
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per-atom (dpa). The increase of yield strength is approximately
200-300 MPa in bulk coarse-grained Cu and V irradiated at a dam-
age level of ~1 dpa [34].

Microstructural control has been shown to be effective in sup-
pressing radiation damage. Significant reduction of void swelling
has been recognized in a series of ferritic/martensitic (F/M) steels
[35-39] with BCC or body-centered tetragonal (BCT) structures.
Also, oxide-dispersion-strengthened (ODS) alloys, with nanoscale
oxides uniformly distributed in F/M steels, have shown superior
void swelling resistance and high temperature thermal stability
[40]. A high density of dislocations in cold-worked 316L stainless
steel can moderately alleviate void swelling at low temperatures
[3]. The aforementioned studies have shown that grain or phase
boundaries may act as sinks for radiation induced point defects
and their clusters, where recombination of interstitial and vacancy
could occur and such recovery process assists the interfaces in
maintaining their ability to continuously absorb point defects
[41-44]. Singh [45] has shown that in austenitic stainless steels
with grain size of 0.5-50 pm, smaller grains can effectively reduce
the concentration of voids and void swelling. Furthermore, Singh
and Foreman [46] have shown that the supersaturation of vacancy
within grains is lower when grain size is smaller since grain
boundaries are effective sinks to reduce radiation induced point
defect density. Analytical work also shows that the sink strength
of grain boundaries increases with decreasing grain sizes [47].
Increasing the volume fraction of grain or phase boundaries thus
appears beneficial to alleviating radiation induced damage. Metal-
lic nanolayer films possess very large interfacial areas. Recent stud-
ies show that immiscible Cu/Nb nanolayers, particularly those with
a layer thickness of a few nm, are extremely resistant against He
ion irradiation induced intermixing [48]. He bubbles are barely
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detectable in irradiated Cu/Nb 2.5 nm nanolayers, suggesting the
extraordinary capability of Cu/Nb interface in reducing point defect
concentration compared to their bulk counterparts [49]. Atomistic
simulations show that pairs of extended jogs formed by misfit dis-
locations along interfaces can effectively lower the point defect
formation energy, and such interfaces become virtually inexhaust-
ible sinks for point defects and catalysts for efficient Frenkel pair
recombination [50]. Molecular dynamics simulations of 5 keV dis-
placement cascades near cube-on-cube Cu/Ni interfaces show that
the total number of defects (vacancies and interstitials) in coherent
Cu/Ni is considerably less than those in the pure Cu and Ni [51].
Despite these studies, the effect of the volume fraction of inter-
faces on radiation induced evolutions of microstructure and
mechanical properties has not been studied systematically. In a re-
cent letter, we reported preliminary studies of the reduction of He
bubble density and suppression of radiation hardening in He ion
irradiated Cu/V nanolayers [52]. Cu and V are selected because
they are nearly immiscible and hence Cu/V interface could possess
chemical stability under radiation. In this article, we provide a
complete analysis of radiation (at room temperature) induced de-
fects, lattice distortion, swelling, and evolution of hardness, and ex-
plain the mechanisms that lead to enhanced radiation tolerance in
nearly immiscible Cu/V nanolayers. Although void swelling in met-
als typically occurs during radiation at elevated temperatures,
radiation experiments in this study were all performed at room
temperature so that we can investigate the role of immiscible layer
interface on defect migration and annihilations by isolating the
influence of other parameters, such as radiation temperature.

2. Experimental

Cu/V nanolayer films with equal individual layer thickness
ranging from 1 to 200 nm were synthesized on HF etched Si
(1 00) substrates by using DC magnetron sputtering at room tem-
perature. The deposition rate was approximately 1 nm/s. The total
thicknesses of Cu/V nanolayers were kept at 1.5-2 pm. A base pres-
sure of 6.6 x 107® Pa was reached prior to depositions and argon
partial pressure during sputtering was ~0.5 Pa. Before helium
(He) ion irradiation, the samples with 5 x 10 mm in dimension
were partially masked to avoid ion irradiation in the masked re-
gions. After irradiation experiments, the difference in the height
(step height) between the irradiated and the unirradiated regions
was measured by using a Dektak 3 Stylus profilometer with a Z
height resolution of better than 1 nm. Swelling is estimated as
the ratio of the step height divided by the ion range (~400 nm)
in the current studies. The ion irradiations were performed at room
temperature using 50 keV He ions. A total fluence of 6 x 102°/m?
was achieved in 4 h at a constant beam current of 2 pA. Base pres-
sure in the ion implanter was less than 1 x 107> Pa. The tempera-
ture rise of specimens due to beam heating was measured to be
less than 50 °C. The temperature increase, AT, also can be esti-
mated by [53]:
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where ] is beam power density in the unit of W/cm?, k; is thermal
conductance in the unit of W/cm K, ¢ is time, p and Cr are density
and specific heat (W s/g K), respectively. For simplicity, in this study
we use the thermal properties of Cu for estimation, and AT is esti-
mated to be ~17 K.

The microstructure of Cu/V nanolayer films was characterized
by Bruker-AXS D8 advanced Bragg-Brentano X-ray powder diffrac-
tometer (XRD). The cross-section transmission electron micros-
copy (XTEM) samples of the Cu/V nanolayers, prepared by
dimpling and low energy (3.5 keV) Ar ion milling with a 5° inci-
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Fig. 1. The depth profile of radiation damage (in units of displacements per atom
(dpa)) and helium concentration obtained from SRIM simulation of CuseVsg
compound subjected to He ion irradiation at 50 keV with a total fluence of
6 x 10%° ions/m?. The depth profile of He concentration from SRIM simulation for
Cu/V 50 nm multilayer is shown as well (dashed line). The simulated depth
dependent He concentration profiles in Cu-V compound and Cu/V 50 nm nanolay-
ers are similar.

dence angle, were examined by a 200 kV JEOL 2010 transmission
electron microscope equipped with a Gatan SC1000 ORIUS CCD
camera. During TEM sample preparation Ar ion milling can induce
damage in the form of Ar bubbles and amorphization. These arti-
facts were typically observed in a narrow region, within 20 nm
from the edge of TEM specimens (near the center of a hole in spec-
imens). Proper handling of ion milling parameters during TEM
sample preparation (by using low energy, low angle ion milling),
can effectively reduce the ion milling induced damage and evi-
dence is given in Fig. 2e later in the results section. The scanning
transmission electron microscopy (STEM) and energy dispersive
X-ray (EDX) analysis for identifying the elemental composition
and the interface integrity of the specimens were performed by
the FEI Tecnai G2 F20 with Fischione ultra-high resolution STEM
HAADF detector (0.23 nm in the STEM image mode) and Oxford
instruments EDX detector with a spatial resolution of ~1 nm. The
hardness and the indentation modulus of the films were measured
based on an average of 9-12 indents at different indentation
depths at room temperature, by a Fischerscope HM2000XYp mi-
cro/nanoindenter using a Vickers indenter with the same loading
rate. Loading rate in HM2000XYp micro/nanoindenter is defined
by square root maximum load divided by the time to reach maxi-
mum load. The loading rate was kept at 10 mN/s for all measure-
ments. Hardness and indentation modulus were measured as a
function of indentation depth, up to a maximum depth of
~200 nm for all specimens.

3. Results
3.1. SRIM simulation

The stopping and range of ions in matter (SRIM) computer pro-
gram based on Monte Carlo method [54] was used to compute the
depth profile of He concentration and radiation damage (displace-
ments per atom) in CusgVso compound irradiated by He ions at an
energy of 50 keV and a total fluence of 6 x 10%° ions/m?. The SRIM
was also applied to Cu 50 nm/V 50 nm (referred to as Cu/V 50 nm
thereafter) nanolayers as shown in Fig. 1, and Cu/V 5 nm nanolay-
ers. The depth dependent He concentration profile is similar in both
cases. The threshold displacement energy for Cu and V is 29 and
39 eV, respectively [55]. One major drawback of using layered mor-
phology is that the simulation of Cu/V 5 nm nanolayer does not pro-
vide a complete depth dependent spectrum of He concentration
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Fig. 2. Cross section TEM (XTEM) images of as-deposited (a) Cu/V 50 nm, and (b) Cu/V 2.5 nm nanolayers. Films with smaller individual layer thickness (h) have a stronger Cu
{111}and V{1 1 0} fiber texture. (c) and (d) Peak damage regions of irradiated Cu/V 50 nm and Cu/V 2.5 nm nanolayers, respectively. He bubbles are observed in both Cu and
V. (e) XTEM of ion irradiated Cu/V 2.5 nm films taken at under-focus condition shows that He and/or Ar bubbles are not detectable in a region within 150 nm from surface.

(limited by the SRIM program). Hence we will use CusoVsq com-
pound for the purpose of SRIM simulation thereafter. The simula-
tion, as shown in Fig. 1, predicts that, in CusqVso compound, He
concentration initially increases with the increase of the penetra-
tion depth, reaches a peak value of ~4.6at% at a depth of
~230 nm, and decays thereafter. The peak damage induced by He
collisions in the compound is approximately 5.6 dpa at a depth of
~170 nm, and the radiation damage extends to a maximum depth

of ~380 nm underneath the film surface upon 50 keV He ion
irradiation.

3.2. Evolutions of microstructures examined by TEM
Bright field XTEM micrographs of the as-deposited and ion irra-

diated and Cu/V 50 nm and Cu/V 2.5 nm nanolayers are compared
in Fig. 2. For all layer thicknesses, the as-deposited Cu/V nanolayers
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possess polycrystalline columnar grain structures with clearly de-
fined layer interfaces and Kurdjumov-Sachs (K-S) orientation rela-
tionship: Cu {111} // V {110} /| interface, and Cu (110) // V
(11 1). The columnar grain size, defined as the in-plane grain size
of Cu and V in each layer, in as-deposited Cu/V 50 nm is on the or-
der of the individual layer thickness, h, whereas the columnar grain
size is much greater than h in the as-deposited Cu/V 2.5 nm spec-
imen. Cu/V 2.5 nm nanolayers have stronger fiber texture of Cu
{111} and V {11 0} than that of Cu/V 50 nm nanolayers. Sput-
ter-deposited films have very good uniformity in terms of layer
thickness. This is clearly seen in TEM micrographs. With computer
controlled deposition, the deposition rate and time for each layer is
the same, thus there is no variation in layer thickness. After He ion
irradiation, de-focused XTEM experiments were performed to re-
veal microstructure evolution induced by He ion irradiation across
the entire thickness of the Cu/V 50 nm and Cu/V 2.5 nm specimens.
Lower-magnification de-focused bright field XTEM images across
the entire radiation region [52] indicate that the number of He
bubbles follows the concentration profile shown in Fig. 1 reaching
a maximum at a depth of ~200 nm underneath the film surface.
Selected area diffraction (SAD) patterns in irradiated Cu/V nanolay-

er indicate insignificant change of fiber textures. The microstruc-
tures of the Cu/V 50 nm and the Cu/V 2.5 nm specimens at the
peak damage regions are shown in Fig. 2c and 2d. Comparisons
of the two micrographs show similar size of He bubbles, ~1 nm
in diameter, and the density of He bubbles in the irradiated Cu/V
50 nm specimen is much greater than that in the irradiated Cu/V
2.5 nm specimens. The He bubbles had a fairly uniform diameter
(~1 nm) with narrow size distribution as shown by our extensive
TEM studies. We did not detect any significant variation in bubble
size as a function of distance from the layer interface. It is likely
that interface may have accumulated a high concentration of He.
But accurate determination of He concentration with nm spatial
precision is still a major challenge. Available ion beam techniques
can only provide an average He concentration across ion implanta-
tion path. Analytical transmission electron microscopy technique
cannot detect He well. Fig. 2e shows that no obvious He and/or
Ar bubbles are detectable in a region within ~150 nm from the sur-
face in irradiated Cu/V 2.5 nm films. But He bubbles appear in dee-
per regions shown in Fig. 2d. The micrograph confirms that Ar ion
milling damage (in the form of Ar bubbles) has been effectively
minimized during our TEM sample preparation.
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Fig. 3. (a) An STEM image of He ion irradiated Cu/V 50 nm nanolayers with a total fluence of 6 x 10%° ions/m?. Abrupt interfaces are retained after radiations. (b) Semi-
quantitative EDX chemical analysis along a 550 nm long line from the film surface as shown in 3(a), normal to the layer interface across all three regions: the surface, peak
damage and no damage region. Radiation induces insignificant change in the modulated composition profiles.
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3.3. Evolutions of microstructure examined by STEM technique and
chemical analyses

STEM experiments were performed to examine the chemical
integrity of layer interface after irradiation, since STEM is known
to resolve different elements due to their difference in atomic
numbers. A STEM micrograph of an ionirradiated Cu/V 50 nm spec-
imen is shown in Fig. 3a. The brighter layers are Cu, sandwiched by
the darker V layers. Three different regions predicted by SRIM sim-
ulation were examined: (i) a surface region with low-to-medium
damage, (ii) a peak damage region at a depth of approximately
200 nm, and (iii) a no damage region that is deeper than the ion
range. Chemically abrupt layer interfaces were observed in all
three regions with the interfaces in the peak damage region being
rougher than those in less irradiated or unirradiated regions. Fur-
thermore, semi-quantitative chemical composition analysis via
EDX was performed in the same specimen along a straight line,
550 nm in length as shown in Fig. 3a, normal to the layer interface
across all three regions. The spot size of electron convergent beam
is approximately 1 nm and the step size of the line scan is ~1 nm/
step. As shown in Fig. 3b, the composition profiles for the three re-
gions are essentially the same (no discernable sign of intermixing),
indicating that radiation induced inter diffusion across layer inter-
face, if any, is under the spatial resolution limit of such a technique.
Similarly, the geometric and chemical integrity of the interfaces of
the irradiated Cu/V 2.5 nm in the unirradiated and peak damage

regions are compared in Fig. 4a and 4b. The comparison of STEM
micrographs shows qualitatively that layer interfaces remain
chemically modulated after He ion irradiation. In Fig. 4a the unir-
radiated region is close to the substrate surface and hence appears
smoother, whereas the radiated region is close to the film surface
and appears rougher due to island growth and the existence of
residual stress. These phenomena are typically observed in many
sputtered nanolayer films. Chemical analyses of the same speci-
men with an EDX spatial resolution of 1-2 nm are shown in
Fig. 4c. Insignificant change in the peak-to-valley distances indi-
cates that layer interfaces in the Cu/V 2.5 nm specimens were
essentially unchanged after ion irradiation.

3.4. He bubbles and swelling measurements

XTEM was used to examine the influence of layer thickness on
bubble density in ionirradiated Cu/V nanolayers. Several regions
(typically 5) at the same depth were measured to examine the bub-
ble density (from bright field images), and the results are then used
to obtain average values and deviations. Fig. 5a shows He bubble
density as a function of depth from the film surface in irradiated
Cu/V 50 nm and Cu/V 2.5 nm nanolayers. He bubble density (num-
ber per unit volume) was calculated from TEM micrographs taken
at an under-focus condition (—400 nm) where similar bubble sizes
(~1 nm) are observed in all irradiated specimens. The thickness of
electron beam transparent TEM thin metal foils is typically in the
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Fig. 4. STEM images of ion irradiated Cu/V 2.5 nm nanolayers in (a) a no damage region (~1100-1200 nm from surface), (b) a peak damage region (200-325 nm), and (c) EDX
chemical analysis of the same specimen along the interface normal direction across three regions: the close-to-surface, peak damage and no damage region.
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Fig. 5. (a) Comparison of He bubble density distributions along film normal
direction underneath the surface in ion irradiated Cu/V 2.5 nm and Cu/V 50 nm
nanolayers. Peak He bubble density is reduced by a factor of ~3 in Cu/V 2.5 nm,
compared to that in Cu/V 50 nm specimens. (b) The minimum He concentration at
which He bubbles are detectable in Cu/V 2.5 nm is ~4 times greater than that in Cu/
V 50 nm nanolayer. Also shown is SRIM simulation of depth profile of He
concentration for CusgVso compound subjected to He ion irradiation at 50 keV
with a total fluence of 6 x 10%° ions/m?2. (c) Swelling vs. 1/h in ion irradiated Cu/V
nanolayers, where h is individual layer thickness, shows a continuous swelling
reduction with decreasing layer thickness. The rule-of-mixture (ROM) swelling in
irradiated Cu and V single layer films is also shown by the horizontal dash line.

range of 10-50 nm, and hence the average TEM specimen thick-
ness is estimated to be ~25 nm. In both cases, the He bubble den-
sity increases rapidly to a maximum at a depth of ~200 nm, where
the helium concentration reaches a peak as shown in Fig. 1. One
major difference in the two cases is that the peak He bubble den-
sity in the Cu/V 50 nm nanolayer is ~ three times greater than that
of Cu/V 2.5 nm specimen. On the other hand, the peak bubble den-
sity of irradiated Cu/V 50 nm nanolayer specimens is still lower
than that of single layer polycrystalline Cu films, as shown by the

horizontal dashed line in Fig. 53, irradiated at the same condition.
From the XTEM studies, we also attempted to estimate the thresh-
old concentration of He that leads to the formation of visible He
bubbles. Fig. 5b shows the SRIM simulation of depth dependent
He concentration profiles of CusoVso compound. The vertical dotted
and the dashed lines, obtained from the TEM images, indicate the
depth range over which bubbles are obviously observed in TEM
images of irradiated Cu/V 2.5 nm and 50 nm nanolayers. The inter-
sections of the vertical lines with the SRIM simulation show that a
minimum He concentration to form detectable bubbles is approx-
imately 1 at.% in Cu/V 2.5 nm at ~80 nm underneath the surface,
and ~0.28 at.% in Cu/V 50 nm nanolayer at 10 nm from surface,
with the surface layer being Cu. We observed similar values
(~10nm) in both single layer Cu and V irradiated at the same
condition.

To provide a rough estimation of radiation induced swelling, the
step height across the irradiated and unirradiated (no radiation) re-
gion was measured by a profilometer and the results are shown in
Fig. 5c. The magnitude of swelling in nanolayers clearly decreases
with decreasing h. The swelling in irradiated Cu/V 2.5 nm nanolay-
er is approximately two times lower than that in Cu/V 50 nm nano-
layers. Furthermore, swelling in all irradiated Cu/V nanolayers is
less than rule-of-mixture (ROM) swelling in irradiated single layer
Cu and V films, shown as the horizontal dash line in Fig. 5c. For sin-
gle layer Cu and V films subjected to identical irradiations an aver-
age of the measured swelling, referred to as ROM swelling, was
used as a reference.

3.5. Lattice distortions examined by X-ray and electron diffraction

All the as-deposited and irradiated samples were characterized
by XRD, and V(1 10),Cu(111)andSi(400) (as a reference peak)
diffraction peaks are present in all diffraction patterns. XRD pat-
terns of as-deposited and irradiated Cu/V nanolayers with h of 50
and 2.5 nm are shown in Fig. 6. V(1 10) and Cu (11 1) peaks are
well separated in Cu/V 50 nm specimen, but they overlap in Cu/V
2.5 nm nanolayer. The V(1 1 0) and the Cu (1 1 1) peaks in the irra-
diated Cu/V 50 nm nanolayers are shifted to lower angles by 0.45°
and 0.06°, corresponding to ~1.1% and 0.13% of lattice expansion,
respectively. The overlapped peaks in Cu/V 2.5 nm nanolayers
show peak shift with the same trend (i.e. lattice expansion), but
at a smaller magnitude (0.11% of lattice expansion) than those ob-
served in the irradiated Cu/V 50 nm specimen.

Systematic SAD experiments were performed, with an aperture
size of 100 nm in diameter, to examine the localized variation of lat-
tice distortions along the irradiation path. Depth dependent lattice
expansions, calculated from the average over 100 nm regions, are
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Fig. 6. XRD patterns of as-deposited and ion-irradiated Cu/V 50 nm and Cu/V
2.5 nm nanolayers. After radiation the peak intensity decreases and peak positions
shift to lower angles.
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shown in Fig. 7 for Cu/V 2.5 nm and Cu/V 50 nm nanolayers. The
dependence of lattice expansions on implantation depth is similar
to the variation of He bubble density vs. depth, as shown in
Fig. 5a. The peak lattice expansion in Cu/V 2.5 nm specimens is
~1.2%, ~2-3 times lower than that in Cu/V 50 nm nanolayers,
~2.5%. The average lattice expansion is ~0.51% and 1.30% in Cu/V

7 T T T
e as-deposited (a)
6 m irradiated
—~ 6F 5nm .
& 25nm & g 25
.5nm
e 5f 50nm * % g .
2 .
o e %o ___
o 4t é $ ROM of irradiated films
© ®
R _————
3r ROM of as-deposited films
0.01 0.1 1
h”' (nm™)
1.5 T T T
After He ion irradiation (b)
10g--"-"-"-"------ V 1um 4
. 1 ——————————— Cu 1um
o] N7 50nm
o l\ 5nm
G ostt 1 %~1 lli ]
I » ~
< 1 ‘l L%\ l
0.0 =1
2.5nm
) 0.01 0.1 1

Fig. 8. (a) Comparison of hardnesses of as-deposited and ionirradiated Cu/V
nanolayers as a function of h~!. ROM hardness values of as-deposited and ion-
irradiated films are also shown by horizontal dashed line, respectively. Hardnesses
increase with decreasing h in both cases and approach peak values at h of 1-2.5 nm
and (b) hardness variation (AH = Hion-irradiated — Has-depositea) Of Cu/V nanolayer after
He ion irradiation as a function of h~'. Radiation hardening in Cu and V single layer
films is indicated by two horizontal dash lines. Radiation hardening of nanolayers
(indicated by black triangle) increases with increasing h and approaches that of
single layer Cu and V, and is negligible at h of 2.5 nm or less. Radiation hardening,
estimated as three times calculated Ac indicated by squares, is shown in the figure
to compare with experimental values.

2.5nm and Cu/V 50 nm nanolayers, respectively. Both values are
larger than those obtained by XRD studies, which yield the average
lattice parameters of the whole specimen. Given the difficulty of
distinguishing Cu (11 1) from V (1 1 0) in SADs, the average values
of the two are used in the calculations. Overall, the XRD measure-
ments are more precise in estimating the lattice strain, if specimens
are uniformly strained through the thickness. The strains measured
from SAD patterns, however, indicate the variation in strain with
radiation depth, and show the correlation between the depth
dependence of helium bubble density (Fig. 5a) and strain (Fig. 7).

3.6. Irradiation hardening

Hardnesses of as-deposited (shown by spheres) and ion-irradi-
ated (shown by squares) Cu/V nanolayers vs. h~! are plotted in
Fig. 8a, where h is the individual layer thickness. The hardness of
as-deposited Cu/V increases monotonically with decreasing h,
and approach peak values at h of 2.5 nm or less. He ion irradiation
in general leads to the increase of film hardness (radiation harden-
ing). But the magnitude of radiation hardening diminishes contin-
uously with decreasing h, and became negligible when h < 2.5 nm.
To test the reproducibility of radiation hardening effect, two more
sets of deposition, irradiation and hardness measurements were
performed and results (not shown here) are reproducible. ROM
hardness values of as-deposited and ion-irradiated films are also
shown by horizontal dashed lines in the same plot, respectively,
with an ROM hardness increase of ~1 GPa after irradiation. In order
to examine hardness variation in more detail, the change of hard-
ness between the as-deposited and ion irradiated Cu/V specimens,
AH, as a function of h~!, was plotted in Fig. 8b. The magnitude of
AH (black triangle) increases with increasing h and approaches
the values of radiation hardening in single layer Cu and V films
(indicated by two horizontal dash lines, respectively).

4. Discussion

We will first examine the microstructure evolution, including
the retention of layered morphology, generation of He bubbles
and lattice distortions, and then the implication of these micro-
structural changes on irradiation hardening.

4.1. He solubility in nanolayers and morphological stability of Cu/V
layer interfaces

In conventional bulk metallic materials, the solid solubility of
He is extremely low [56]. In Cu/V nanolayers, He could be stored
in crystal lattices, He bubbles and at layer interfaces or grain
boundaries. Based on the observation of 1% He below which obvi-
ous He bubbles are not detectable (Fig. 5b), and the average colum-
nar grain sizes are typically greater than individual layer thickness,
we infer that interface plays a major role in significantly enhancing
the solubility of He in metals.

An energetic ion beam can induce ion mixing at interfaces be-
tween dissimilar materials. Such energetic ion induced ballistic
mixing can effectively induce the formation of new phases or even
destroy layer interfaces in the miscible systems, such as Cu/Au
[57], Hf[Ti [58], Fe/W [59] and Al/Nb [60]. Ion beam mixing has
been studied in the past [53,61]. The cascade mixing can be de-
scribed by an effective diffusivity D for a collision-cascade-induced
random walk process with a diffusion equation expressed as [53]:

FD<T2> ®

Dt = 0.067 e 2)

where t is effective diffusion time, Fp, is nuclear stopping power, (r%)
is the mean squared range of the displaced atoms in the target, ¢ is
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ion dose, E, is displacement energy, and N is atomic density. A rea-
sonable value of 1 nm can be chosen to describe (r?) as discussed in
Ref. [61]. This value is a good approximation since at very low en-
ergy, the mean travel distance of recoiled target atoms should be
equal to mean lattice spacing which is about 1 nm. In the present
study the peak damage is 5.6 dpa, the Fp for Cu at the peak damage
position is ~57eV/nm, and thus a rough estimation yields
Dt =1 nm?. This analysis predicts that, in Cu/V 2.5 nm nanolayers,
significant ballistic intermixing should occur and may completely
destruct the layer interface. In contrast the chemical stability of
interface in irradiated nanolayers (as revealed by series of STEM
studies) indicates that there is a strong demixing tendency at Cu/
V layer interfaces. Cu/V system has a positive heat of mixing,
~5 kJ/mol [62], hence a chemically driven demixing process may
have occurred simultaneously during irradiation (collision cas-
cades). Similar phenomena have been observed in several other
immiscible systems, such as Cu/W [57], Cu/Nb [48] and Hf/Ni
[58]. The mutual solid solubility between Cu and V is very limited,
approximately 2 at.% Cu in V matrix at 800 °C [63]. Intermixing at
the level of a few at.% is below the detection limit of the STEM tech-
nique used in this study, The curvature of interfaces as shown in
Fig. 4 is typically observed in TEM analyses of columnar grains
[64], and is a consequence of the island growth mechanism of sput-
tered films.

4.2. Radiation induced He bubbles and lattice distortion

We now attempt to analyze radiation induced defect concentra-
tion and corresponding lattice distortion in nanolayers. The pri-
mary radiation damage event in crystalline metals is the
displacement of one or more atoms, and consequently vacancies
and self-interstitials are created and foreign elements are intro-
duced in crystal lattices [65]. In bulk FCC metal with low-to-med-
ium stacking fault energy (SFE), such as Cu (ysr = 39 mJ/m?) [19],
approximately 90% of neutron radiation induced defects are stack-
ing fault tetrahedra (SFT) at a density of 2-6 x 10%3/m> at a damage
level of 0.01-0.9 dpa [20]. In BCC bulk V irradiated at 65-100 °C,
radiation induced defects are mostly dominated by interstitial
loops, 2nm in diameter, at a density level of 1-2 x 1023/m3
[20,66]. Helium will rapidly combine with vacancies and vacancy
clusters to form bubbles.

He bubbles have been observed in most irradiated Cu/V nano-
layers. In most irradiated Cu/V nanolayers, He bubbles have an
average diameter of ~1 nm, with very narrow and uniform distri-
butions. Our analysis also indicates that the average bubble size
depends very little on h of the nanolayers. The reduction of He bub-
ble density in Cu/V 2.5 nm specimen by a factor of approximately
3-4 compared to that in irradiated Cu/V 50 nm and Cu films indi-
cates that vacancy concentration must have been dramatically
reduced.

It is generally accepted that radiation induced defects tend to
migrate to the interfacial regions, such as grain boundaries and
interfaces [45,46,67]. These interfacial regions are expected to act
as effective sinks for radiation induced defects. The interfacial area
density (number of interface per unit length along the direction
normal to the layer interfaces) in Cu/V 2.5 nm nanolayers is 20
times higher than that in Cu/V 50 nm nanolayers. It is likely that
defect migration along interface is facilitated, an event that leads
to enhanced annihilation of opposite type defects. Recent MD sim-
ulation studies of Cu/Nb nanolayer films showed the formation
energies of vacancies are significantly lower at Cu/Nb interfaces
than those in the perfect crystals of the neighboring elements
[68]. A lower defect formation energy at interface indicates that
the equilibrium concentration of vacancies, Cv,, can be higher at
interface. And consequently interface can absorb much higher con-
centration of vacancies than in bulk before they reach supersatura-

tion (which leads to the formation of He bubbles). No higher
density of bubbles was observed at the interfaces. Additionally
there are two other factors that make interface effective sinks for
point defects. Pairs of extended jogs are formed by misfit disloca-
tions along interfaces, and consequently such interfaces become
virtually inexhaustible sinks for point defects and catalysts for effi-
cient Frenkel pair recombination [50]. Thus vacancies and intersti-
tials that migrate to the layer interface are effectively trapped and
undergo accelerated recombination due to the enhanced diffusivity
and effective size of interfacial point defects [68]. It is likely that
when h in the nanolayer is reduced to a few nm length scale, the
value of equilibrium vacancy concentration is slightly increased
due to the interface effect. As a result the capacity of defect storage
in nanolayer is enhanced and reduces the supersaturation of
vacancies. A lower supersaturation of vacancies will delay or re-
duce the clustering of vacancies to form He bubbles. The reduction
of He bubble density in nanolayers is thus suggested to be a com-
bined effect of enhanced defect storage capacity (increasing equi-
librium vacancy concentration) and increased probability of
defect annihilation at interfaces (decreasing the overall concentra-
tion of vacancies).

Lattice expansion is observed in XRD and TEM-SAD analyses as
shown in Figs. 6 and 7. There are several factors that may contrib-
ute to lattice distortions, including dissolution of solute atoms,
vacancies, He bubbles, isolated interstitials, and interstitial loops.
Isolated interstitials are mobile in FCC Cu at room temperature
[69], and may migrate to interfaces or form loops, and hence signif-
icantly reduce the overall concentration of interstitials in nanolay-
ers. Given their low concentration, the contribution of isolated
interstitials to lattice expansion may be insignificant in nanolayers.
Our HRTEM analyses (not shown here) have revealed certain inter-
stitial loops, but an accurate determination of loop density in nano-
layers is very challenging and not yet available. We have attempted
to estimate interstitial loop density, in a later section, from radia-
tion hardening studies, and the analysis shows that the contribu-
tion of dislocation loops to lattice expansion is negligible. From
the Cu-V phase diagram [63], it is evident that up to 2.0 at.% of
Cu can be dissolved in V. Assuming that ion irradiation induces
slight intermixing by incorporating a maximum of 2 at.% Cu into
V, and by using the lattice parameters of Cu and V (ac, = 3.615 A
ay = 3.027 A), one can estimate a lattice expansion of ~0.46% in
V. However the peak lattice expansion is ~2.50% in Cu/V 50 nm
nanolayers as revealed by SAD studies in Fig. 7. Also, the intermix-
ing zone is unlikely to extend over several tens of nanometers gi-
ven that the microscopy characterization (Figs. 3 and 4) revealed
the preservation of discrete, compositionally modulated layered
structure. In the ion irradiated Cu/V 50 nm specimen, the varia-
tions of He bubble density and lattice expansion with implantation
depth follow a similar trend (i.e. a maximum at approximately
200 nm below the surface). This observation implies that pressur-
ized He bubbles may account for much of the observed lattice
expansion.

Pressurized He bubbles could lead to lattice expansion based on
the point source dilatation mechanism [70]. The pressure due to
point source (He bubbles in this case) dilatation can be expressed
as:

p— KoY 3)

- 3
Ty

where p is the shear modulus of the metal matrix, and év is the vol-
ume expansion induced by internal pressure, and ry is the radius of
bubbles. The peak lattice expansion is ~2.50% in Cu/V 50 nm nano-
layers as revealed by SAD studies. A lattice expansion from solid
solution is ~0.46% in V. If we assume that the lattice expansion
due to He bubble is approximately 2% in V, which is the result of lat-
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tice expansion measured from experiments subtracted by solid
solution induced expansion (= 2.50—0.46%), given u =46 GPa for V
and a bubble radius of 0.5 nm, the pressure is estimated to be
~3.8 GPa. By using the EOS of He [71,72], the molar volume of He
is estimated to be 6.29 cm®/mol, or approximately 1.3 He atoms
per vacancy in V. A similar result, 1.1 He atoms per vacancy in Cu
is obtained. This compares well with literature values (1.4 He/va-
cancy in He bubbles of 4 GPa pressure in V, and 1.0 He/vacancy in
He bubbles of 2.8 GPa pressure in Cu [73]). In general vacancy clus-
ters will induce negligible or slightly negative volume change. How-
ever, when vacancy clusters are filled with high density He to form
over pressurized He bubbles, as is the case in this study; they will
create lattice expansions, based on point source dilatation analysis.
He bubble induced lattice expansions have been observed in
numerous other systems, where the magnitude of lattice expansion
is proportional to the He concentration [74,75]. The mechanism of
tensile stress induced lattice expansion in regions between pressur-
ized He bubbles has been established mathematically by Wolfer
[75]. Given the estimated He molar volume, ~6.29 cm?/mol, in
Cu/V 50 nm nanolayer and use Cu as matrix, we derive that
~0.5 at.% of He is stored in these He bubbles. The peak He concen-
tration estimated by SRIM simulation is ~4.6 at.% (Fig. 5b), hence a
large number of He atom should reside at the interface as well as
inside the matrix. Many small cavities in the form of He-vacancy
clusters should exist below the resolution limit of the TEM tech-
nique, i.e. their diameter is less than 0.5 nm. These small He-va-
cancy clusters may also contribute to the lattice expansion
observed experimentally, and consequently the aforementioned
estimation of He pressure could be an upper bound value.

4.3. Mechanical integrity and hardening mechanisms

In conventional metals, radiation hardening is due to the inter-
action of dislocations with two types of radiation induced defects:
strong obstacles such as interstitials, interstitial loops, SFT and pre-
cipitates, and relatively weak obstacles such as He bubbles [76]. In
the MD simulation of irradiated Fe [65], it was shown that disloca-
tion loops and small voids are stronger obstacles. He bubbles with
1-2 He/vacancy are weaker obstacles. However, the same simula-
tion study also shows the barrier strength of He bubbles increases
with increasing He/vacancy ratio (greater than 2). The interaction
of glide dislocations with Cu/V interfaces is not expected to change
significantly given the retention of chemically abrupt interfaces
after radiation. The previous review article regarding obstacle-con-
trolled strengthening showed that the dispersed barrier model
[65,77] can explain strong obstacles induced hardening well.
Whereas Friedel-Kroupa-Hirsch (FKH) model was developed to
explain weak obstacles induced hardening [78,79]. The contribu-
tion of He bubbles to radiation hardening is negligible at low He
concentration and becomes significant only above a critical He
concentration around 1 at.% [80-82]. The SRIM simulation results
predict that the average He concentration is greater than 1 at.%
in Cu/V 5 nm and Cu/V 50 nm nanolayers. When the bubble size
is very small, He bubble is treated as a weak obstacle. The FKH
model is applied to estimate the He bubbles induced enhancement
of yield strength, Ag, by [65]:

Ac = %M,ubde (4)

where M is the Taylor factor. p is the shear modulus with the value
of 46 GPa for both Cu and V. b stands for the Burgers vector of the
primary glide dislocations. For FCC polycrystals, the Taylor factor,
M, averaged for different crystal orientations by Taylor, is 3.06
[83-84]. For BCC crystals, the Taylor factor on {110}/(111) slip
system is 3.067. In the current studies, there are BCC {1 1 0} texture
in V films. And as pointed out by Kocks [85,86], for all physics situ-

ations of approximate pencil glide, where the {1 1 0} plane may be
somewhat preferred, the average Taylor factor, is 2.9 + 5%. Hence for
simplicity, M was taken as 3 in Cu/V nanolayers with fcc/bcc inter-
face. The magnitude of the Burgers vector in FCC Cu is ac,/v2 =
0.3615/v/2 = 0.25562 nm, and it is ayv/3/2 =0.3027 x v/3/2 =
0.26218 nm in BCC V. The diameter of He bubbles (d), ~1 nm, and
their average number density (N) across the radiation damage re-
gion are obtained from TEM measurements. Radiation hardening,
estimated as three times that of the calculated Ac [87] indicated
by red square, is compared with experimental values (indicated
by black triangles) in Fig. 8b for h > 5 nm. It should be noted that
when h, is 2.5 nm or less, the strength of nanolayers before radia-
tion typically reaches a maximum value and is independent of layer
thickness. This is because that the strength at h of 1-2 nm is deter-
mined by interface cutting stress in the absence of dislocation pile-
ups as shown in Cu/Nb nanolayers with immiscible fcc/bcc interface
[88]. The addition of point defects and their clusters is relatively
weaker barrier to dislocations compared to that the resistance of
interface. Hence radiation induced defects at low density is less
likely to enhance the resistance to the transmission of dislocations
across interface. However if the density of these point defects is suf-
ficiently high, their contribution to radiation hardening may still
need to be considered in fine nanolayers. In spite of a good compar-
ison with experimental results at h = 5 nm, He bubble induced hard-
ening alone, in general, clearly underestimates the experimental
values for single layer Cu and V film, and nanolayers with greater
h (h =50 nm for instance). Other factors, such as He-vacancy clus-
ters (less than 0.5 nm) and interstitial loops may also contribute
to hardening. But since He-vacancy clusters are likely to be much
weaker barriers than He bubbles, their contribution to hardening
will not be considered further in this study.

We noticed that, in spite of a rather high He bubble density, the
average distance between He bubbles (/, estimated as 1/+/Nd[8]) is
~25 nm, a length scale where Orowan type of dislocation bowing
between bubbles is a reasonable mechanism. Depending on the
difference between inter bubble separation (/) and h, radiation
hardening in nanolayers could be categorized into three regimes.
(i) For h < 4, at a few nm length scale, the yield strength of the
nanolayers is expected to be controlled by the smaller length scale,
h, with minimal contribution from He bubbles. (ii) When h is com-
parable to /, radiation hardening from bubbles will become more
evident. (iii) Finally when h is much greater than 4, on the order
of hundreds of nm, the magnitude of radiation hardening ap-
proaches that of single layer films, and significant hardening by
irradiation induced defects is expected. In addition to He bubbles,
other defects, such as interstitial loops will also become important.
At small h, interstitials are expected to migrate to interface sinks
and hence, loops may not form within layers, or the loop density
is too low to induce any significant hardening.

Interstitial loops are typically treated as strong barriers to the
glide of the dislocations. A dispersed barrier model is developed
to estimate strengthening due to interstitial loops. The variation
(increase) in yield strength, Ao, after radiation, is expressed by:

Ao = Mo/ ubvNd (5)

where M, i, b, N and d carry the same physical meanings as defined
previously in Eq. (4), but this time the defect clusters are interstitial
loops. o’ is a parameter that depends on the average barrier strength
of the radiation induced defect clusters. Recent studies estimate
that o/ is 0.26 for V, and 0.2 for Cu [20]. Although HRTEM studies
(not shown here) have revealed the formation of interstitial loops
in irradiated Cu/V nanolayers, a clean measurement of loop density
in nanolayers has proven difficult. From radiation hardening stud-
ies, we can infer indirectly the density of dislocation loops. By sub-
tracting the contribution of He bubble induced hardening from the
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measured values, the average interstitial loop density with an
assumption of size of 2 nm is estimated as 5 x 10%2/m> for Cu/V
50 nm nanolayer. This is an order of magnitude lower than the
interstitial loop density of 6.7 x 10*3*/m? and 2.3 x 10%*/m? in neu-
tron-irradiated polycrystalline pure Cu and V metals subjected to a
total dose of 0.92 and 0.69 dpa, respectively [20]. The size of dislo-
cation loops is roughly estimated to be ~2 nm based on high reso-
lution TEM studies of irradiated Cu/V nanolayers. This loop size is
also consistent with that observed in Cu irritated by neutron at tem-
perature of 60-100 °C [20]. The HRTEM micrograph was not shown
because interstitial loops are observed only when the nanolayers
are oriented perfectly in zone. So their density appears low. Quan-
titative comparison of loop density evolution before and after radi-
ation in nanolayers with nanograins is still a challenge. Detailed
characterization of dislocation loops in irradiated Cu/V nanolayers
will be performed in future study.

The lattice expansion, Aa/a, where a is the lattice parameter,
due to dislocation loops can be estimated by [89,90]:

Aa 1AV 7bnd; 6)
a 3V 12

where AV/V is the fraction of volume change induced by defects,
and AV = nbn(d,j2)?, b is the Burgers vector of dislocation loop, n;
and d; represent loop density and diameter, respectively. Using
the estimated loop density of 5 x 10%2/m>, loop diameter of 2 nm,
and b=0.26nm, the Ilattice expansion is estimated to be
1.4 x 107°, negligible comparing to the measured expansion
(Fig. 7) of 0.5-2.5%. Although dislocation loop density is insufficient
to induce obvious lattice expansion, they may contribute consider-
ably to radiation hardening given that loops are stronger obstacles
to dislocations than He bubbles.

4.4. The significance of Cu/V interface in enhancing radiation
resistance in nanolayers

Our study clearly demonstrates that in the nearly immiscible
Cu/V system, layer interfaces play significant roles in enhancing
radiation resistance of the nanolayers, manifested as reduced He
bubble density and less radiation hardening. Based on this study
the fundamental mechanisms of interface-driven enhancement of
radiation tolerance can be interpreted as follows.

(1) Interfaces (between Cu and V) act as sinks for defects
(vacancies, interstitials and helium atoms). As discussed pre-
viously the defect formation energy is lower at interfaces
than in crystal lattices [68], and consequently the supersat-
uration of vacancies is reduced, which in turn will reduce or
delay the clustering of vacancies or the formation of He bub-
bles. Furthermore MD simulations of Cu/Nb interface show
that misfit dislocations evolve into extended jog pairs and
significantly increase the sink capacity of Cu/Nb interfaces
[50]. Since the immiscible Cu/V has a similar interface (fcc/
bce type with K-S orientation relationship) comparing to
immiscible Cu/Nb, we anticipate that the Cu/V interface will
also have high sink capacity for point defects.

(2) Interfaces promote annihilation of unlike defects since these
defects have high mobility and delocalized cores [50] at
interfaces. Recent MD simulation studies [50,73] have
shown that interfaces will athermally absorb and annihilate
point defects within 2 ps after their generation up to a dis-
tance of approximately 1-2 nm from the interface. With an
interface spacing of 2.5 nm in Cu/V 2.5 nm nanolayers, the
distance between cascade events and interfaces is expected
to be small enough to allow direct interaction without the
need for diffusion. So the annihilation process in these very

fine nanolayers should occur almost instantaneously with
the collision cascades. Whereas in bulk lattices, the inter-
face-defect interactions will depends on both the length
and time scales.

(3) Interfaces enabled enhancement of He solubility in metals.
Comparing to the extremely low solid solubility of He in
bulk metals, the observation that He bubbles are not detect-
able in Cu/V 2.5 nm nanolayers when He concentration is
below 1 at.% strongly suggests that interface play an impor-
tant role in significantly enhancing the He solubility in met-
als. He shall be distributed both in matrix (combined with
vacancies) and at interfaces. There is no solid evidence on
preferential segregation of He to layer interfaces at the
moment.

(4) Interfaces in Cu/V nanolayers can significantly reduce the
densities of defect clusters such as interstitial loops, SFT,
and more importantly He bubbles, and hence, dramatically
alleviate swelling and suppress irradiation hardening. Fur-
thermore the significance of interface is also manifested
from a clear size (layer thickness) dependent reduction of
swelling and irradiation hardening. When h is ~100 nm or
greater, the radiation tolerance of nanolayer decays and
approaches that of bulk materials. The influence of radiation
temperature and dose rate on size dependent radiation dam-
age in nanolayers will be important subjects for future
studies.

5. Summary and conclusions

The evolutions of microstructure and mechanical properties of
sputtered Cu/V nanolayers subjected to 50 keV He ion irradiation
were investigated systematically. Irradiated nanolayer interfaces
remain chemically abrupt even in the peak damage region upon
a total dosage of ~6 dpa. Such immiscible layer interface acts as
sinks for point defects, and can effectively reduce the overall con-
centration of He bubbles and swelling, the magnitude of which re-
duces at smaller individual layer thickness. These nanolayers also
show clearly a monotonic suppression of radiation hardening at
smaller layer thickness due to the effective attraction and facili-
tated annihilation of Frenkel pair defects. Nanolayers with immis-
cible layer interface hence may offer a promising approach in
alleviating swelling and radiation hardening.
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